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bstract

In this research paper are presented the identified phases by thermal analysis and microscopy presented by four 3XX.X Al–Si hypereutectic
lloys that were solidified under different conditions including natural heat exchange and quenching. In addition, a qualitative analysis of the phases
as conducted by EDX scanning electron microscopy. The EDX results were used to identify the stoichiometry for the particular phases based on
ata reported in the literature. A total of nine reactions were detected by thermal analysis that were confirmed by optical and electron microscopy,

here two additional phases (Fe and Pb enriched) were also detected. Above the liquidus temperature, the phase known as Si agglomerates was

dentified; the nature and principal characteristics of this phase are discussed in the present paper. Using thermal analysis, the phase identification,
raction solid and nucleation temperature for all the phases was conducted.

2005 Elsevier B.V. All rights reserved.
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. Introduction

The Al alloys is a group of casting materials that are in
onnage terms the second most popular after ferrous castings.
he Al alloys have been divided into several systems that were

dentified based on their alloying elements by the American Alu-
inium Association (AAA). Aluminium-Silicon (Al–Si) alloys

re the most abundant among cast alloys and have wide-spread
pplications, especially in the aerospace and automotive indus-
ries and are identified by the AAA as the 3XX.X series of
luminiums alloys that constitutes from 80 to 90% of the total
l castings produced world wide [1–3]. The dominant group of
l–Si foundry alloys contain between 5 and 25 wt.% Si, with
g, Ni and Cu additions. It is important to mention that until

ow Fe has not been considered as an alloying element; how-
ver, current research conducted by the LMCT demonstrates the

pportunities to control cast component integrity by optimizing
e with Mn additions to transform the detrimental Fe enriched

ntermetallics from its typical needle shape into the less harm-
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ul Chinese script phase [1,5–9] and lowering the porosity level
10].

The presence of coarse primary Si particles in the microstruc-
ure of the Al–Si hypereutectic alloys has been identified as the

ain limitation for their industrial use. Even with the use of sil-
con modifiers and high cooling rates, the primary Si particles
an only be reduced in size [11]. Nonetheless, Al–Si hypereu-
ectic alloys have already been used in the automotive industry
or engine blocks production (Vega 2300 engine), cylinder liners
nd pistons [6–9,12]. However, there are not reports of the per-
ormance of the Vega 2300 engine and is no longer available for
egular production; which could be due to that the very hard pri-
ary Si particles certainly increase locally the wear resistance

f the alloy, but unfortunately Si is brittle and is easy to crack
xposing the soft Al matrix to extreme wear resulting catas-
rophic for the automotive or aerospace components [5,13–15].
he apparent solution to fully refine the primary Si particles are

he liquid metal treatments that can modify the primary Si parti-
les into fine Al–Si eutectic, that will contribute in a considerable
ncrement of the wear resistance for these alloys [12,16].
Al–Si hypereutectic alloys for engine blocks or cylinder liners
pplications is the ideal solution to eliminate cast iron cylin-
er liners; additionally, Al–Si hypereutectic alloys possess low
hermal expansion, excellent castability and low density which
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Table 1
Chemical composition (in wt.%) of the investigated Al–Si alloys and their cal-
culated liquidus (TLIQ) temperature using the Si equivalency method (SiEQ)
[12,36]

AAA
designation

Si Cu Fe Mg Mn Ni Calculated
TLIQ

390.1a 13.14 4.11 0.51 0.99 0.21 2.19 600.2
390.1b 13.80 4.00 0.61 1.30 0.23 0.45 599.7
3
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ake them attractive for automotive and aerospace applications
13,17,18]. In contrast, the use of other materials such as cast
ron cylinder liners for aluminiums engine blocks applications
ave the following disadvantages: several steps machining, for-
ation of residual stresses, preheating of the cylinder liners for

ast-in applications, additional steps for engine block production
press in) technique, cast iron is limited to air quenching in order
o avoid corrosion, formation of harmful phases and interfaces
etween the Al engine block and the cylinder liner, low heat
onductivity and high density, different machining conditions,
o mention just a few [12,16].

Thermal analysis is a powerful tool that has been success-
ully used to determine characteristic temperatures, fraction
olids and latent heats during the solidification process. Ther-
al analysis has been applied effectively for Al–Si hypoeutec-

ic alloys [4,19–27]; however, the Al–Si hypereutectic alloys
ave not been as investigated. Bäkerud et al. [4] have reported
he most complete characterization using thermal analysis and
EM/EDX for two 390 Al–Si hypereutectic alloys. However, a
ore detailed analysis is required in order to develop techniques

hat can contribute to the use of Al–Si hypereutectic alloys for
ear resistant applications.
Due to the above-mentioned arguments, it is of crucial impor-

ance to conduct studies to understand the solidification path-
ays as well as liquid state characteristics of the Al–Si hypereu-

ectic alloys. This will allow the development of novel technolo-
ies to fully refine the primary Si morphology, which in turn will
ncrease the demand for the Al–Si hypereutectic alloys for wear
esistance applications including the engine blocks, cylinder lin-
rs, brakes, clutches, etc. The present research investigation was
onducted to understand in more detail the solidification path-
ays followed by the Al–Si hypereutectic alloys, nucleation

emperature, fraction solid, microstructure and phases morphol-
gy among other characteristics. This can be used as a principle
o determine the exact temperatures for chemical, mechanical,
hermal, electromagnetic or combined techniques for the mod-
fication of the microstructure as well as the exact temperature
etermination for heat and/or solution treatments. By know-
ng the characteristics of the Si agglomerates, novel liquid and
emi-solid melt treatments can be successfully developed and
mplemented [12,16,28–35].

. Experimental methodology

Four Al–Si hypereutectic alloys were used for the present study; two of these
lloys feel into the 390.1 AAA designation and the other two into the 393.2. The
hemical composition of the above-mentioned alloys is presented in Table 1.

Ingots of 12 kg of the respective alloys were melted in a resistance furnace
t a super heat (casting) temperature of 150 ◦C above liquidus. The alloys were
eld isothermally during the experiments. The melt was degassed blowing Ar
as by a degassing unit at a rate of 20 St. ft3/h, through a graphite impeller at a
otating speed of 120 rpm for 20 min. After degassing, the hydrogen level was
n all cases below 0.1 ± 0.005 mL H2/100 g of aluminiums as measured using a
alibrated AlSCAN unit.
After the hydrogen measurements were conducted, the molten alloys were
oured into a stainless steel crucible with a capacity of 700 mL, which was then
nsulated on top and bottom using refractory bricks of alumina to minimize
he gradient of temperatures. The poured samples had masses of 1300 ± 20 g
f Al–Si hypereutectic alloy. Also, samples for each alloy composition were

a
T
a
r

93.2a 25.0 1.18 0.39 0.05 0.12 0.4 752.5
93.2b 28.64 2.43 0.90 0.15 0.36 0.57 794.9

oured into a die-cast bar system (reaching cooling rates >2 ◦C/s that minimizes
i macrosegregation), these bars were machined to obtain cylindrical specimens
ith 15 mm in diameter by 16 mm in height with masses of 7.5 g. Both types
f samples were solidified under natural heat exchange conditions for all the
lloys. During solidification, a K thermocouple previously calibrated according
o the standard of the National Institute of Standards and Technology (NIST)
as inserted in the centre of the sample to record the cooling curve from the

uperheat temperature until 400 ◦C. The thermal analysis was conducted three
imes for every alloy composition and solidification conditions to ensure the
uality of the results. The results presented are the average of all the thermal
nalysis measurements. Samples for the 390.1a and 393.2a alloys were quenched
n a salt-water solution (H2O + 15 wt.% NaCl) from various temperatures from
bove and below the liquidus temperature.

Sections of the analytical samples were cut parallel and in close proximity to
he thermocouple for metallographic analysis. The metallographic samples were

ounted in cold resin and polished following the standard metallographic pro-
edures. Optical microscopy, scanning electron microscopy (SEM) and energy
ispersive X-ray (EDX) spectroscopy were used for the identification of the
hases. The stoichiometry of the phases was determined comparing the results
f the EDX semi-quantitative chemical analysis with the results reported in the
iterature for alloys with similar composition.

. Results and discussions

.1. Thermal analysis

Fig. 2 shows the cooling, first derivative, baseline and fraction
olid curves for the 390.1a,b and 393.2a,b Al–Si alloys as obtained
rom thermal analysis for the two types of samples. The first
erivative of the cooling curve was determined to enhance slope
hanges that are related to the solidification reactions for the dif-
erent phases; and facilitates the determination of the nucleation
ime, temperature, fraction solid and cooling rate of the phases.
t is clear from this figure that both alloys present similar nucle-
tion reactions and solidification characteristics, nonetheless,
ome differences that will be discussed were found. The use of
he two thermal analysis methods allowed the precise determi-
ation of the characteristics for all the solidification reactions.
or instance, using the small samples was assessed the exact

emperature and fraction solid involved for the Si agglomerates;
hile for the Ni and Cu enriched phases, the thermal analysis

onducted using the large samples was more appropriate.
The present investigation provides unique information for

he solidification pathways followed by the Al–Si hypereutectic
lloys; particularly, the identification of a reaction at temper-

tures above liquidus by thermal analysis and image analysis.
his reaction can correspond to the transformation of the Si
gglomerates into primary Si particles. The identification of this
eaction was carried out using high-resolution thermal analysis
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ig. 1. Thermal analysis results for the 390.1a (a–c) and 393.2a (d–f) alloys sol
n fraction solid after the Al–Si eutectic reaction and Dendrite Coherency Point

echniques and algorithms (Fig. 1a and d). The Si agglomer-
tes nucleate at temperatures as high as 1075 ◦C and has a
ifferent crystalline structure than solid Si; as reported in the
iterature [29–35]. Due to the limitations of the equipment used
or this research investigation, it was not possible to determine
he nucleation temperature for the Si agglomerates; however, the

bove-mentioned reaction was detected at ∼666 ◦C on to the big
amples for the 390.1a alloy.

In following are described the main differences among Al and
i that do not allow coherency among their crystalline structures

a
a
l
s

at low (a, b, d and e) and high cooling rates (c and f). Note the abrupt increase
).

hat results in the non-dendritic microstructure of the alloy. The
CC crystalline structure of Al is an “Al” copper type with a

attice parameter αAl = 4.0490 Å, and an “A4” (diamond like)
or Si with an αSi = 5.4282 Å [40]. The solidification process for
l is normal and for Si is layered (2D) [1]. In other words, during
ucleation of Al, the Al atoms have no preferred locations to be

ttached. Conversely, the nucleation of Si atoms is carried out in
n ordered manner where the Si atoms are attached at specific
ocations pilling up Si atoms until a line of atoms is full and then a
et of lines that form an atomic plane that are pilled epithaxially
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Fig. 2. Section of the cooling, first derivative and baseline curves for the Al–Si
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utectic reaction of the 390.1a alloy solidified under natural heat exchange con-
itions to determine the apparent fraction solid (afs) for the Mg, Ni and Cu
nriched phases.

orming the primary Si and/or Si eutectic crystals that slows
own the solidification process for Si [1]. The solidification of
he Al enriched regions promote a rapid increase in fraction solid
rom the �-Al halo until the Al–Si eutectic [41]. The increment
n fraction solid is from <10% to ∼20% in only 4 ◦C and then a
0% increment is observed in 10 ◦C or less confirming the abrupt
ncrement in the fraction solid observed in Fig. 1b, c, e and f.

Fig. 2 shows examples for the Si agglomerates on quenched
amples at temperatures as high as 130 and 80 ◦C above the
espective liquidus for the 390.1a and 393.2a Al–Si hypereutectic
lloys; indicating that the Si agglomerates are formed at higher
emperatures. The equivalent fraction “solid” related to the Si
gglomerates to liquidus temperature as determined by thermal
nalysis for the 390.1a alloy was fSAGGL

Si = 0.065 wt.% that is
lmost neglected. However, this phase plays a crucial role for the
uccessful application of melt treatments at temperatures above
iquidus, since by using electromagnetic stirring and vibration

elt treatments, these particles can be fully refined that result in
heir full modification into refined Si eutectic particles [12].
In the first derivative for both types of alloys, 390.1a,b and
93.2a,b, nine metallurgical reactions were identified as shown
n Fig. 1 and are summarized in Table 2 with their corresponding
tiochiometry; the identification numbers used in both, the figure

able 2
ist of reactions and the Dendrite Coherency Point (DCP) identified by image
nalysis and thermal analysis in samples for the 390.1 and 393.2 Al–Si hyper-
utectic alloys

D # Description

“Si Agglomerates; Transformation”
Primary Si (liquidus)
Al–Si eutectic
Al15(Fe, Cr, Mn)3Si2

CP Dendrite Coherency Point
Mg2Si eutectic
Al3Ni eutectic
Al3CuNi eutectic
Al2Cu eutectic
End of the solidification (solidus)
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nd the table, indicate the same solidification reaction. In this
articular case, it is crucial to precisely identify parameters such
s temperature, since this accuracy is directly reflected in the
recision to calculate the fraction solid and apparent fraction
olid for a particular phase or all the phases.

The cooling and first derivative curves for the 393.2a,b Al–Si
ypereutectic alloys were found to be similar to each other; how-
ver, small differences in comparison to the 390.1a,b alloys were
ound. The main significant differences are the considerably
igher liquidus temperature for the 393.2a,b alloys, solidifica-
ion time, solidification range and fraction solids.

Djurdjevic et al. [37,39] and MacKay [38] reported that using
hermal analysis, the afs for the Mg, Ni, Cu enriched phases can
e determined by calculating the baseline for the first derivative
or the Al–Si eutectic reaction. Fig. 3 shows the methodology
or the assessment of the “apparent fraction solid (afs)” for the

g, Ni, Cu enriched phases. The importance of the analysis
f these phases is due to their strengthening effect that is usu-
lly enhanced and set by applying heat treatments that promote
he precipitation of coherent or incoherent Mg, Ni, Cu enriched
hases that improve the mechanical properties of Al–Si hyper-
utectic alloys.

Fig. 2 shows the Al–Si eutectic baseline that is a hypothetical
odel where only this reaction takes place and ends presumably

t the solidus temperature [37]. Therefore, any increase in the
mount of heat released (exothermic behaviour) was identified
n the first derivative as nucleation of phases (such as points from
–8) corresponding to the Mg, Ni or Cu enriched phases. The
mount of exothermic heat released during the nucleation of a
hase is proportional to the amount of precipitating phase, latent
eat and enthalpy of transformation. Therefore, the prediction of
he strengthening effect of the particular phase(s) can be assessed
y determining the afs for all the phases and relate to its contri-
ution to the mechanical properties (hardness, micro-hardness,
trength, creep, fatigue, etc.). The heat treatment conditions play
n important role because the enhancement of the mechanical
roperties relays totally on the temperature and time of the treat-
ent itself. Therefore, it is not simple to make a single algorithm

or all Al–Si alloys and heat treatment conditions; however, the
ilicon equivalent (SiEQ) methodology [36] is the alternative to
evelop a mathematical model of this nature and is currently
n under investigation by the LMCT group. A summary of the
emperatures and the fraction solids for all the solidification reac-
ions for the 390.1a,b and 393.2a,b alloys solidified under the
arious solidification conditions is presented in Table 3.

The value of the afs in an alloy with a constant composi-
ion and similar solidification conditions must be the same. Any
hange in the apparent fraction solid in a sample of the same
elt, but distinct solidification conditions can be related to the

mount of dissolved Mg, Ni and Cu elements within the matrix,
he level of refinement of the microstructure or modification of
his particular phase. For this reason, more than one thermal
nalysis techniques, solidification conditions and alloys compo-

ition were investigated.

The determination of the afs for elements present in an alloy
n the form of traces is difficult; however, these phases can also
e studied by image analysis, which is not simpler. For this rea-
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ig. 3. Examples of optical and scanning electron micrographs for the 390.1
tages.

on, in the present research, the afs for Pb, Sn, Ti, Sr, etc. is not
eported alone, but rather together with Mg, Cu or Ni enriched
hases (Fig. 3 and Table 3). However, an indirect methodology to
etermine the amounts of traces of elements present in an alloy
nd is based on the determination of the effect of these elements
n the cooling curve and consequently first derivatives. For
nstance, Djurdjevic et al. [37,39] measure the undercooling of
he �-Al reaction and developed an algorithm to predict the level
f Si modification caused by additions of Sr to the molten metal.

ore recently, was found that elements such as lead, tin and bis-
uth have a significant influence in solidus temperature. Levels

f these elements above 100 ppm decrease the solidus tempera-
ure in up to ∼20 ◦C. This results in a catastrophic practice, since

f
t
p
t

393.2 alloys quenched from different temperatures in liquid and semi-solid

y applying conventional heat treatments, considerable amounts
f incipient melts can be formed, which in turn prevent the
echanical properties enhancement assed by heat treatments.
onversely, detrimental particles that act as stress concentrators
re formed. An increment in the hydrogen level from 0.06 to
.125 mL H2/100g Al is responsible for a change in the nucle-
tion reaction for the Cu enriched phases of >12 ◦C, which under
ertain conditions can increase the porosity levels in up to 400%.

Table 3 shows that for all alloys, the Si agglomerates “trans-

ormation” above the liquidus temperatures and was at higher
emperatures in samples solidified at low cooling rates. It is of
articular interest the lower fraction solid for the Al–Si eutec-
ic for the samples solidified at high cooling rates; however, in
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Table 3
Thermal analysis results for the temperature (◦C) and fraction solid (%) for all the respective alloys solidified under different conditions

Alloy/reaction 1 2 3 DCP 5 6 7 8 9

Low cooling rate
390.1a 660 600 562 558 550 524 503 505 479

0.0 0.07 7.6 21.9 65.0 89.8 97.3 98.4 100
390.1b 652 599 564 564 553 540 514 503 483

0.0 0.005 8.1 15.5 61.6 83.7 94.9 97.4 100
393.2a 752 723 568 565 562 551 532 505 481

0 0.01 35.2 39.0 57.7 72.3 89.5 98.7 100
393.2b 822 799 577 576 575 508 501 485 483

0.0 0.08 43.8 58.1 64.3 97.9 98.7 99.1 100

High cooling rate
390.1a 631 598 563 564 551 526 510 504 486

0.0 0.06 7.8 18.9 65.8 89.9 96.8 98.4 100
390.1b 635 601 563 561 551 523 N/A 503 472

0.0 0.004 4.1 7 63.61 90.1 N/A 97.3 100
393.2a 740 732 575 571 569 504.1 494.7 479 478

0.0 0.12 30.2 31.0 62.5 96.5 97.1 98.2 100
393.2b 815 796 575 572 572 501 497 489 476

0.0 0.05 45.5 56.0 65.2 98.93 99.1 99.6 100
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CP stands for Dendrite Coherency Point.

ome cases, this difference is not too obvious and in general
he fraction solid for the rest of the reaction was similar for the
nvestigated solidification conditions.

Table 4 shows the cooling rates and apparent fraction solids
or all the investigated alloys. Eq. (1) was used to determine the
ooling rate.

ooling rate = (TLIQ − TSOL)

(tSOL − tLIQ)
(◦C/s) (1)

here TLIQ is the liquidus temperature (◦C); TSOL is the solidus
emperature (◦C); tLIQ is the time recorded by thermal analysis at
he liquidus temperature(s); tSOL is the time recorded by thermal
nalysis at the solidus temperature(s).

The identification of the nucleation temperature for a partic-
lar phase was carried out by conducting a series of quenching
xperiments for the different alloys. Usually, the samples were
uenched at the end of the growth of a particular phase, allowing

free coarsening for the phase itself. The quenched samples were

hen investigated using SEM/EDX to qualitatively determine
heir chemical composition and proceed with its stoichiometric
dentification as reported in the literature [4].

able 4
olidification conditions and cooling curve characteristics for the investigated
lloys

lloy Cooling rate
(◦C/s)

Solidification
range (◦C)

Apparent fraction
solid (%)

LCR HCR LCR HCR LCR HCR

90.1a 0.08 0.7 121 112 10.6 10.1
90.1b 0.09 0.7 116 129 10.6 8.6
93.2a 0.31 1.2 242 254 8.2 8.2
93.2b 0.37 1.4 316 320 6.9 7.1

CR and HCR stand for low and high cooling rates, respectively.
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. Characterization of rapidly solidified Al–Si
ypereutectic alloys using LOM and SEM

Fig. 4 shows SEM and light optical micrographs for the
90.1a,b and 393.2a,b alloys that were quenched at different tem-
eratures from above liquidus and during the mushy zone evo-
ution and in the solid state. The presence of the Si agglomerates
s of particular interest, since this confirms the existence of this
hase at temperatures above the liquidus. Fig. 4 depicts micro-
raphs with the phase identification conducted by SEM/EDX
or the investigated alloys. In this figure, it is easy to identify the
orphology for all the phases present in the microstructure of
l–Si hypereutectic alloys.
Fig. 4c–h shows the corresponding EDX spectra for the

hases identified in the microstructure of the Al–Si hypereutec-
ic alloys investigated in the present research. The EDX spectra
or Mg and Fe enriched phases show the presence of Cu and Ni
hat is due to the vicinity of the phases, and their sizes combined
ith the interaction volume of the electron beam, i.e. the Mg2Si
hase was always found surrounded by Ni and Cu (Figs. 4 and 6).

In following are described the solidification pathways for the
l and Si enriched phases for the Al–Si alloys that are the two

lements that provide the main characteristics and make them
ttractive for various automotive and aerospace applications.
l–Si hypereutectic alloys are dendrite free when are solidified
nder equilibrium conditions. The reason for this is that the first
hase to solidify is Si followed by the Al–Si eutectic, which both
re non-dendritic. At the industrial level, most alloys are solidi-
ed far from equilibrium conditions; for instance, Fig. 5 shows
-Al dendrites and/or haloes are formed in the Al–Si hypereu-
ectic alloys following the “skewed couple zone” solidification
1]. In most cases, isolated dendrites are formed but usually they
o not touch each other, they rather form a stage where a skele-
on (identified in Table 3 as the “Dendrite Coherency Point”)
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Fig. 4. SEM micrographs (a and b) showing the microstructure of samples fully solidified under natural heat exchange conditions showing the characteristic phases
for the Al–Si hypereutectic alloys (for number identification, see Table 2). EDX results for the qualitative chemical analysis for the (c) Si, (d) Al15(Fe, Cr, Mn)3Si2,
(e) Mg2Si, (f) Al3Ni, (g) Al3CuNi, (h) Al2Cu.
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Fig. 5. Optical micrographs of the (a) 390.1a, (b) 390.1b and (c) 393.2b alloys
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eutectic and some of the precipitating Al–Si particles have fine
eutectic appearance. The 560 ◦C is a temperature close to the
Dendrite Coherency Point, therefore, after this point, no apparent
enlargement of the dendrites was supposed to occur, but they
olidified at high cooling rates (0.7, 0.7 and 1.2 ◦C/s, respectively), showing the
ormation of the non-equilibrium phases (�-Al halo and dendrites).

s created. Fig. 5 shows examples of the �-Al haloes and �-
endrites present in the investigated alloys that were solidified

ar from equilibrium (high cooling rate). The so-called skeleton
s formed by the primary Si, �-Al haloes, the �-Al dendrites and
he Al–Si eutectic and increases the rigidity of the molten alloy.
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The Fe-based phases can be found with various stoi-
hiometries with the script type appearance (Al8Fe2Si, �-
l12Fe3Si2, �-Al15(Fe, Cr, Mn)3Si2, �-Al8Mg3FeSi6 and the
-Al15Mg8Cu2Si6) [38]. However, based on the EDX spectrum

Fig. 4d), the presence of Cr and Mn lead the identification of the
-Al–Fe–Si type as �-Al15(Fe, Cr, Mn)3Si2 as most probable
toichiometry. The Fe enriched phases are particularly important
or the Al–Si hypereutectic alloys, since they are detrimental
or the mechanical properties. However, in this research, the
resence of Mn in the �-Al15(Fe, Cr, Mn)3Si2 act as a modi-
er, promoting the transformation from needle-like (detrimental
hase) into the Chinese script that is less detrimental (Fig. 4b).
e is present in the investigated alloys as a sub product char-
cteristic of secondary (recycled) alloys. Contrary, alloys such
s 356 and 357 have non or negligible amounts of Fe, but are
onsiderably more expensive.

At a temperature of ∼560 ◦C was identified as the last point
or the coarsening for the primary Si particles and the beginning
f nucleation of the Al–Si eutectic. At this temperature, some
f the remaining molten alloy has a similar composition to the
ig. 6. SEM micrographs of the 390.1a alloy from the (a) edge and (b) centre of
he analytical samples. The sample was quenched at 500 ◦C. Note the difference
n morphology of the Al2Cu indicating the presence of more than one phase
articularly in the quenched sample.
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ontinue coarsening by the interdendritic feeding. The Dendrite
oherency Point can be identified as the point where the semi-

olid slurry becomes rigid, and there is no longer free flow of
he remaining liquid, as the so-called skeleton starts forming and
revents the free flow of the remaining molten metal (see Fig. 3).

The Mg2Si phase was identified in the sample quenched at a
emperature of 550 ◦C that is ∼5 ◦C above the precipitation of
his eutectic (∼545 ◦C) and has a very fine appearance charac-
eristic of a partially solidified phase. In Fig. 6 can be observed
he fine Mg2Si particles surrounded by quenched Cu and Ni
nriched regions.

At 525 ◦C, which is a temperature close to the nucleation of
he Ni enriched eutectic such as the Al3Ni. The 390.1a alloy used
n this research has a Ni content of 2.19 wt.% which is unusual for
lloys such as the 390.1 with a common Ni content of <0.5 wt.%
i. The investigated 390.1 alloy was added extra Ni with the aim

o be used for pistons where no precipitation hardening promoted
y heat or solution treatments is carried out. This particular alloy
fter the artificial aging is characteristic for its high dimensional
tability [5]. The characterization of the Ni rich phases presented
n the 390.1a alloy were compared to the Ni phases present in

he 339 Al–Si alloy which has similar Ni content and shows
wo Ni enriched phases (Al3Ni, and Al3CuNi) that were also
dentified in the 390.1a,b and 393.2a,b alloys (Figs. 4 and 6). The

a

t

ig. 7. Microstructure of the 390.1a (a and b) and 393.2a (c and d) Al–Si alloys so
.31 ◦C/s.
f Alloys and Compounds 419 (2006) 180–190

dentification of Ni and Cu together for the Al3Ni phase is due
o the high similarity among both elements that based on the
ume–Rothery Empirical Rules they have total solubility (ideal

olution) in the solid state. Therefore, the atoms of Cu and Ni
or this phase could be interchangeable [43–45].

The Al–Cu enriched phases were identified at temperatures
f 500 ◦C or below that was also the end of the dendritic coars-
ning. The SEM micrographs of this sample revealed that below
50 ◦C, this temperature the nucleation of the Al3CuNi the
l2Cu takes place. Fig. 7a shows SEM/BSE micrographs of

he edge of the sample, which is the area that solidified, first
s soon as the sample is in contact with the quenching media;
his micrograph show after fully solidification the phases Mg2Si,
l3Ni and Al3NiCu eutectics and it is clear that the Al2Cu eutec-

ic phase has a frozen-like (quenched) appearance. The analysis
f the same sample in the centre shows the Al2Cu eutectic
hase after full solidification; actually, there are more than one
hase with the Al2Cu composition, but with different appear-
nce (Fig. 6b) that confirms the results presented in references
4,37]. Therefore, it can be concluded that the Al2Cu were the
ast phase to solidify for the 390.1 and 393.2 Al–Si hypereutectic

lloys together with the low melting point elements (Fig. 6b).

The main factors that have effect on the microstructure are
he chemical composition and solidification conditions, partic-

lidified at the following cooling rates (a) 0.08 ◦C/s, (b and d) >5 ◦C/s and (c)
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larly, cooling rate and can be monitored by thermal analysis.
ig. 7 shows the microstructure of the 390.1a,b and 393.2a Al–Si
ypereutectic alloys presenting the effect of the chemical com-
osition as well as the cooling rate conditions. The cooling rate
or the investigated samples presented in Fig. 7 was increased
rom 0.08 to >15 ◦C/s, which shows that alloy compositions
uch as the 390.1a,b are more sensible to the cooling rate than
he 393.2a,b alloys. Therefore, for the industrial use of alloys
uch as the 393.2a,b, their main limitation is the coarse primary
i particles that cannot be thermally or chemically fully mod-

fy and has the tendency to crack at even very low stress levels
i.e. during polishing) exposing the soft Al matrix to extreme
ear. The effect of chemical modifiers for alloys with high Si

i.e. 393.2) is very limited [42]; therefore, other methodologies
uch as liquid and/or semi-solid state electromagnetic stirring
nd vibration melt treatments are suggested to refine phases and
odify the microstructure drastically. In turn, mechanical and

ervice characteristics such as wear and bulk hardness of these
lloys will be increased abruptly [12].

Comparing the results in the present investigation, it can be
onfirmed that all phases detected by thermal analysis were
dentified using optical or electron microscopy. Fe and Pb rich
hases were not detected by thermal analysis, but they were
dentified using optical and electron microscopy. Pb particles
ere observed under the SEM in backscattering mode at 1000×
agnification as shown in Figs. 4 and 6. The Pb based particles

re present in the Al–Si alloys as by-products of a secondary
melting process similarly to Fe [38].

. Conclusions

A total of nine phases were detected using thermal analy-
is of microscopy. Particular reactions for the Si agglomerates
an be identified using thermal analysis and in the microstruc-
ure of quenched samples using optical and electron microscopy.
he Si agglomerates have a nucleation temperature higher to the
uperheat temperature of 150 ◦C used for the present research.

possible phase transformation was evident in the first deriva-
ive at temperatures higher than liquidus that could indicate a
ossible transformation from the Si agglomerate to the primary
i particles. The determination of the “apparent fraction solid”
afs) can be used to develop an algorithm(s) capable for the pre-
iction of the strengthening effect of Mg, Ni and Cu. The primary
i is more sensible to the high cooling rate in alloys with lower
i content (i.e. 390.1a,b). The ideal temperatures for the heat

reatments is close to the end of solidification of the Cu enriched
hases, which also correspond to the highest Cu solubility in
he Al matrix, this would ideally maximize the strengthening
ffect of the Cu and Ni. The presence of Mn in the Fe enriched
hases showed a strong modification effect from the needle-like
tructure to “Chinese script structure” that is less detrimental to
he mechanical properties of Al–Si hypereutectic alloys.
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[4] L. Bäckerud. G. Chai. J. Tamminem, Solidification Character-

istics of Aluminiums Alloys, vol. 2, American Foundry Soci-
ety/SKANALUMINIUM, USA, 1990.

[5] A.G. Kolbemschmidt, 75 Years Kolbemschmidt, Brochure, September
1985, pp. 1–51.

[6] J.L. Jostard, Modern Casting, AFS Casting Congress, October 1971, pp.
71–76.

[7] J.P. Norbye, Automobile Eng. (1970) 320–326.
[8] R.E. Green, Die Casting Eng. (1970) 12–26.
[9] J.L. Jostard, 6th SDCE International Die Casting Congress, Cleveland,

Ohio, November 1970, pp. 1–6.
10] R. Francis, PhD Dissertation, University of Windsor, Windsor, 2005.
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